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force fields and dispersion interactions

Iryna Knysh ,1,*,† Anton Charkin-Gorbulin ,1,* Claudio Quarti ,2 David Beljonne ,2

Igor Poltavsky ,1,‡ and Alexandre Tkatchenko 1,§

1Department of Physics and Materials Science, University of Luxembourg, L-1511 Luxembourg City, Luxembourg
2Laboratory for Chemistry of Novel Materials, University of Mons, B-7000 Mons, Belgium

(Received 28 April 2026; accepted 15 October 2026; published 16 November 2026)

In the rapidly evolving field of machine learning (ML) for atomistic simulations of materials and molecules,
achieving transferability across different systems remains a key challenge. In this contribution, we demonstrate
a case of transfer learning in which an ML model trained exclusively on surface slab data of the cubic (α) phase
of CsPbI3 perovskite can reproduce the key features of the dynamic behavior for different phases of the bulk
material. Using an equivariant message-passing network (MACE) architecture, we construct an efficient ML
force field trained on a dataset obtained from ab initio molecular dynamics simulations of a CsPbI3 slab. The
resulting model yields stable and reliable trajectories for both slab and bulk, reproducing the experimentally
observed phase transitions of CsPbI3. We demonstrate that pairwise dispersion methods (TS/D3) mispredict the
correct phase of CsPbI3 bulk at ambient conditions, while more advanced approaches (MBD-NL/rVV10) recover
both the experimentally observed phase sequence with increasing temperature (orthorhombic–tetragonal–cubic)
and the corresponding phase-transition temperatures. Through a local analysis of the rotational driving forces
acting on PbI6 octahedra, we show that this discrepancy can be traced to the strong sensitivity of Cs and I atomic
forces to the treatment of van der Waals (vdW) dispersion. Overall, our results demonstrate that surface–slab
datasets augmented with an accurate treatment of vdW dispersion provide a robust foundation for constructing
transferable machine-learning force fields that consistently describe both surface and bulk behavior across
multiple length scales.
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I. INTRODUCTION

Halide perovskites (HPs) have emerged as promising ma-
terials for next-generation photovoltaics, known for their
exceptional properties such as tunable band gaps, high
charge-carrier mobilities, and defect tolerance, together with
comparatively low fabrication costs versus conventional
silicon-based semiconductors [1–9]. HPs adopt the ABX3 sto-
ichiometry, where A is an inorganic or organic monovalent
cation, B is a divalent metal, and X is a halide. Over the
past decade, record power-conversion efficiencies (PCEs) for
hybrid organic-inorganic perovskite solar cells (PSCs) have
surpassed 25% [10,11], while inorganic CsPbI3 PSCs have ap-
proached 22% [12]. Inorganic HPs are particularly attractive
because they exhibit enhanced thermal stability and resistance
toward atmospheric conditions [13]. However, long-term sta-
bility of HP devices remains a central challenge limiting

*These authors contributed equally to this work.
†Contact author: iryna.knysh@uni.lu
‡Contact author: igor.poltavskyi@uni.lu
§Contact author: alexandre.tkatchenko@uni.lu

Published by the American Physical Society under the terms of the
Creative Commons Attribution 4.0 International license. Further
distribution of this work must maintain attribution to the author(s)
and the published article’s title, journal citation, and DOI.

their commercial use. HPs are soft materials and prone to
phase instabilities that strongly affect their structural and elec-
tronic properties [14–17]. For example, CsPbI3 transforms on
cooling from the high-temperature perovskite cubic α phase
through the tetragonal β phase to the orthorhombic γ phase,
and near room temperature it spontaneously converts to the
optically inactive, nonperovskite δ phase in the absence of
stabilization techniques [14,18–21]. In parallel, surface de-
fects in perovskite films are considered to be the driving force
for the nonradiative charge recombination [22] and associated
PCE losses, though their formation mechanisms remain not
well understood [23–28]. Revealing structural dynamics and
ionic transport at the atomistic level and their impact on
electronic properties is therefore crucial for improving the
stability and performance of PSCs.

First-principles calculations have provided key insights
into how structure impacts the electronic properties of HPs
[4,29–34]. Such studies are typically carried out at density
functional theory (DFT) [35] or many-body Green’s func-
tion (GW ) [36] levels of theory, which impose limitations on
the sizes of the employed atomistic models [4,30]. In prac-
tice, HPs are soft, dynamically disordered materials whose
structure-property relationships unfold over timescales and
length scales that remain inaccessible to ab initio simula-
tions. In this context, machine-learning force fields (MLFFs)
trained on accurate ab initio data provide a needed solu-
tion at affordable costs. For example, Jinnouchi et al. [37]
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developed an on-the-fly machine learning scheme to en-
able finite-temperature simulations of HPs over extended
timescales. Braeckevelt et al. [38] proposed a protocol to
determine the γ to δ phase-transition temperature of CsPbI3

by combining highly accurate electronic energies from ran-
dom phase approximation and Hartree-Fock (RPA+HF) with
vibrational free energies obtained from molecular dynamics
(MD) driven by a phase-transferable MLFF on a supercell
of up to 2560 atoms. Fransson et al. [39] developed a third-
generation neuroevolution potential for CsPbX3 (with X =
I, Br, and Cl), trained on ab initio data covering the γ , β,
α, and δ phases, and used the GPUMD package to perform
large-scale MD simulations of phase transitions in lead HPs
(LHPs).

In LHPs, phase transitions are closely linked to the cor-
related tilting patterns of the PbX6 octahedra, commonly
referred to as octahedral tilting, which are governed by the
soft lattice modes [40]. The temperature-dependent distri-
butions and correlations of these tilts therefore serve as
sensitive descriptors of polymorphism in LHPs, and a range
of such descriptors has been proposed to characterize this
tilting behavior [41–44]. At the same time, both experiment
and theory have shown that the local structure in LHPs
can deviate substantially from the average structure [45–47].
Therefore, understanding the local structure of these ma-
terials, and consequently their stability, requires accurate
dynamical simulations over long length and timescales, which
recent advances in MLFFs have made possible. In this context,
Baldwin et al. [48] constructed an MLFF for CsPbI3 using
the atomic cluster expansion (ACE) framework to investigate
its dynamic local structure. This ACE-based MLFF enables
large-scale finite-temperature MD simulations, through which
they analyze the spatial and temporal correlations of octahe-
dral tilts, revealing transient planar domains and confirming
that the local structure of CsPbI3 remains highly dynamic
in both space and time, even in the high-symmetry cubic
phase, in line with earlier ab initio MD (AIMD) simula-
tions performed on methylammonium lead iodide perovskite
[49]. Recently, Liang et al. [50] employed an equivariant
message-passing neural network potential within the MACE
framework [51,52], trained with on-the-fly DFT data genera-
tion, to run large-scale MD simulations of three prototypical
LHPs—CsPbX3, MAPbX3, and FAPbX3. Their results show
that the A-site cation, halide composition, and local atomic en-
vironments influence octahedral tilting patterns, which in turn
affect phase stability and phase transitions in mixed-halide
perovskites.

Notably, previous MLFFs were developed primarily for
bulk materials, yet realistic modeling of PSCs requires
a unified description of both bulk and surface regions
[53]. Here, we explore slab-to-bulk transfer learning by
training a MACE-based model on α-CsPbI3 surface-slab
data. The choice is physically motivated because slab
structures naturally sample a broader spectrum of local
environments: inner layers preserve bulk-like coordination,
while surface layers introduce symmetry breaking and
enhanced structural fluctuations. As a result, slab-based
training sets can provide a richer representation of
the local energetics governing finite-temperature phase
behavior than bulk-only datasets. We show that our model

trained exclusively on surface-slab data reproduces the
experimentally observed orthorhombic-tetragonal-cubic
phase transitions of CsPbI3 bulk while also yielding stable
surface dynamics.

Importantly, achieving such a result requires a reliable
treatment of vdW dispersion interactions. Consistent with
this, previous studies [39,43] have demonstrated that both the
choice of exchange-correlation functional and the descrip-
tion of vdW dispersion critically affect the structural and
dynamical properties of perovskites. However, the underlying
mechanisms by which these factors influence the system’s
behavior remain largely unresolved. Here, we systematically
investigate the role of vdW dispersion by comparing three
dispersion treatments combined with the PBE functional
[54]—D3 correction [55], the pairwise Tkatchenko–Scheffler
(TS) scheme [56], and the nonlocal many-body dispersion
approach (MBD-NL) [57]—alongside the vdW density func-
tional r2SCAN+rVV10 [58], with a focus on their impact
on lattice parameters and phase-transition temperatures. We
show that an accurate description of the phase diagram re-
quires going beyond pairwise vdW treatments, as many-body
dispersion significantly perturbs the Cs and I atomic forces
and, consequently, the rotational driving forces acting on the
PbI6 framework, thereby influencing the structure and finite-
temperature dynamics of the material.

II. DATASET GENERATION

In this section, we describe procedures used to generate
datasets employed in this study. Details of the model architec-
ture and training parameters are provided in the Supplemental
Material (SM; see Sec. S2 for more details) [59].

Slab dataset. Throughout this work, slabs are denoted
as (n

√
2 × n

√
2)-mL, where the lateral dimensions are ex-

pressed relative to the pseudocubic unit cell, the in-plane
lattice vectors are rotated by 45◦ relative to the pseudocubic
axes, and mL denotes the number of PbI6 octahedral lay-
ers. We generated two slab datasets using a CsI-terminated
(4

√
2 × 4

√
2)-5L CsPbI3 slab containing 864 atoms, with its

surface parallel to the xy plane [60]. We chose a symmetric
CsI-terminated slab because previous ab initio calculations
showed that the CsI termination is thermodynamically more
stable than PbI2 within the stability range of CsPbI3 bulk [61].
Both datasets comprise the same 600 configurations but differ
in their reference energy and force labels, calculated at the
PBE+D3 and PBE+MBD-NL levels of theory.

The configurations were sampled from two AIMD trajec-
tories performed at 300 and 600 K, each initiated from the
relaxed slab structure with supercell dimensions a = 35.07 Å,
b = 35.29 Å, and c = 50.01 Å, where c includes the vac-
uum region. Simulations were performed with CP2K [62,63]
for 44 ps using a 4 fs time step in the isothermal-isobaric
NPT ensemble, allowing fluctuations only in the in-plane
cell components. The system was coupled to a Nosé-Hoover
thermostat and barostat, with time constants set to 20 fs and
1000 fs, respectively, to maintain the target temperature (300
or 600 K) and a pressure of 1 bar [64,65]. The AIMD simula-
tions employed the PBE exchange-correlation functional [54],
the D3 dispersion correction, DZVP-MOLOPT-SR-GTH
basis sets [66], and norm-conserving GTH-PBE pseudopo-
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tentials [67,68]. The mixed Gaussian and plane-wave scheme
employed a relative cutoff of 50 Ry, a plane-wave cutoff of
300 Ry, and 16 multigrid levels. A surface-dipole correction
was included. A total of 300 configurations were selected
from each trajectory using the energy-based sampling proce-
dure implemented in the sGDML package [69–71], resulting
in a total of 600 configurations.

For slab-PBE+D3, the reference energies and forces
were taken directly from the PBE+D3 AIMD trajectories.
For slab-PBE+MBD-NL, the same configurations were re-
calculated at the PBE+MBD-NL level using the FHI-aims
code [72]. For these DFT calculations, a 1 × 1 × 1 �-centered
k-point grid and the FHI-aims tight species defaults were used
together with Gaussian smearing of 0.05 eV for the fractional
occupations. The self-consistent field (SCF) procedure em-
ployed convergence criteria of 10−5 for the charge density,
10−5 eV for the eigenvalue sum, 10−6 eV for the total en-
ergy, and 10−4 eV Å−1 for the forces. A dipole correction was
included.

Bulk dataset. For the large-scale bulk MD simulations, su-
percells are denoted as na × nb × nc repetitions of a 20-atom
orthorhombic-compatible reference cell, whose lattice vectors
correspond to

√
2 × √

2 × 2 in pseudocubic units. Thus, for
example, a 5 × 5 × 5 bulk supercell contains 2500 atoms.

The bulk dataset consists of 19 580 CsPbI3 structures, in-
cluding γ , β, α, and δ polymorphs, obtained from AIMD
simulations with the r2SCAN+rVV10 [58] functional, as de-
scribed in Ref. [73]. AIMD simulations in the NPT ensemble
were performed for each phase using 40-atom supercells over
a temperature range 200–650 K with 100 K intervals. From
this full dataset, we constructed bulk-r2SCAN+rVV10 by
selecting 392 structures, for which energies and forces were
kept at the r2SCAN+rVV10 level of theory. In addition,
we generated the bulk-PBE+MBD-NL, bulk-PBE+TS,
and bulk-PBE+D3 datasets by taking the same struc-
tures from bulk-r2SCAN+rVV10 and recalculating their
energies and forces at the PBE+MBD-NL, PBE+TS, and
PBE+D3 levels of theory, respectively, using FHI-aims. We
employed the same FHI-aims settings as before for the
slab-PBE+MBD-NL dataset, except for the k-point sam-
pling. To match the k-point setup used in Ref. [73] and to
ensure better uniformity across different phases, we used a
k_grid_density keyword in the FHI-aims code, setting it to
5.0 along each of the three reciprocal axes of the first Brillouin
zone.

DFT codes. In this work, we use datasets generated with
CP2K and FHI-aims codes, together with a VASP dataset
taken from the literature. The choice of CP2K for the slab
AIMD simulations is motivated by its efficient MD implemen-
tation, which is particularly important for the computationally
demanding slab systems considered here. The FHI-aims cal-
culations are required because the MBD-NL method is not
available in the CP2K code. The bulk r2SCAN+rVV10
dataset is taken from Ref. [73] and was originally calcu-
lated using VASP. Although previous benchmark studies have
demonstrated a high degree of reproducibility among DFT
calculations performed with different codes [74], we explicitly
assessed the possible influence of the code choice on our
results. In Fig. S2 [59], we compare PBE forces computed
with CP2K and FHI-aims, as well as PBE+D3 (CP2K) and

PBE+MBD-NL (FHI-aims) forces. The deviation between
the PBE forces obtained with CP2K and FHI-aims is sub-
stantially smaller (12 meV/Å) than the difference between
the PBE+D3 and PBE+MBD-NL forces (48 meV/Å). These
results demonstrate that the use of different DFT codes does
not impact our conclusions regarding the influence of the vdW
methods.

III. RESULTS AND DISCUSSION

The predictive accuracy of an MLFF is intrinsically linked
to the quality of its reference training data. Perovskites are
soft, strongly anharmonic materials with a shallow octahedral-
tilt energy landscape [75], where small changes in long-range
interactions can shift equilibrium structures and relative phase
stability [76]. Accurate DFT modeling, therefore, requires an
explicit treatment of dispersion to reproduce lattice parame-
ters and tilt energetics quantitatively. We therefore begin by
examining how the choice of vdW dispersion treatment influ-
ences relaxed structure and atomic forces of the CsPbI3 slab.
We then perform finite-temperature MD simulations using
MLFFs trained on PBE+D3 and PBE+MBD-NL single-
phase slab datasets, and show that only the latter stabilizes
the expected γ -CsPbI3 phase under ambient conditions. Be-
cause slab datasets capture a broader range of structural
motifs and local environments, we assess whether an MLFF
trained on a single-phase slab dataset can transfer to bulk
CsPbI3 and reproduce its temperature-driven phase transi-
tions. Finally, we systematically compare pairwise (D3 and
TS), beyond-pairwise (MBD-NL), and nonlocal density-based
(rVV10) methods, demonstrating that more advanced disper-
sion treatments are essential for accurately capturing the bulk
dynamics, octahedral tilting patterns, and the resulting phase-
transition temperatures of CsPbI3.

A. Dispersion effects in CsPbI3 slabs

In slab geometries, surface formation reduces atomic co-
ordination numbers and introduces an abrupt change in
dielectric screening toward vacuum, which perturbs bulk tilt
motifs and drives a competition between surface relaxations
and bulk-like tilting. Thus, CsPbI3 slabs provide a sensitive
probe of dispersion effects [77].

Figure 1 compares the bulk reference structures with the
corresponding relaxed CsI-terminated slab structures com-
puted at the PBE level using either the pairwise D3 correction
or the screening-aware many-body MBD-NL treatment of dis-
persion. The PBE+D3 structures were relaxed using CP2K,
whereas the PBE+MBD-NL structures were relaxed using
FHI-aims, since MBD-NL is not available in CP2K (see
Sec. S1 in the SM) [59]. The bulk reference structures are
shown in Fig. 1(a), while the layer-resolved relaxed slab ge-
ometries are shown in Fig. 1(b). Even for the bulk reference
structures, PBE+MBD-NL yields a unit-cell volume that is
7.7% smaller than that of PBE+D3, consistent with prior
benchmarks showing that MBD-NL typically produces more
compact structures for soft materials [57]. After introducing
the surfaces and relaxing the slab, both dispersion treatments
lead to a contraction of the equivalent CsI-plane separation
[Fig. 1(c)]. For PBE+D3, this separation decreases from 31.8
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FIG. 1. Structural relaxation of CsI-terminated CsPbI3 slabs computed with PBE+D3 and PBE+MBD-NL. (a) Corresponding bulk
reference structures and I–Pb–I and Pb–I–Pb angles. (b) Relaxed slab structures with layer-resolved I–Pb–I and Pb–I–Pb angles for the
outermost, intermediate, and middle layers, highlighted in red, blue, and green, respectively. The first row in panels (a) and (b) corresponds to
the results obtained with PBE+D3, whereas the second row shows the results obtained with PBE+MBD-NL. (c) Layer assignment in the slab
along the z axis (direction of the vacuum layer) and comparison of the equivalent CsI-plane separation in the bulk reference and relaxed slab.
The equivalent CsI-plane separation is defined as the distance between the CsI planes corresponding to the two slab surfaces.

to 31.4 Å, corresponding to a contraction of 1.3% (0.4 Å).
For PBE+MBD-NL, the contraction is smaller, from 31.1 to
31.0 Å (0.1 Å). The surface relaxation also modifies the layer-
resolved octahedral angles. For PBE+D3, the outermost-layer
I–Pb–I angle decreases from the corresponding bulk reference
value of ∼89.6◦ to ∼89.0◦, while the Pb–I–Pb angle increases
from ∼152.1◦ to ∼165.2◦. For PBE+MBD-NL, the corre-
sponding changes are from ∼84.2◦ to ∼82.1◦ for I–Pb–I and
from ∼143.0◦ to ∼146.6◦ for Pb–I–Pb. The central-layer I–
Pb–I and Pb–I–Pb angles deviate from the corresponding bulk
reference values by 0.1◦ and 1.4◦ for PBE+D3, and by 0.7◦
and 1.1◦ for PBE+MBD-NL, respectively. These deviations
remain below 1.5◦ for both dispersion treatments, showing
that, for the structural parameters considered, the interior
region closely approaches the corresponding bulk geometry.
Inclusion of MBD-NL yields a denser equilibrium structure
and a smaller slab-normal contraction than D3. The surface-
induced angular response is method-dependent: D3 produces
a larger change in the outermost-layer Pb–I–Pb angle, whereas
MBD-NL produces a larger change in the outermost-layer
I–Pb–I angle. Note that these 0 K relaxations neglect thermal
expansion and anharmonic effects present in the experimental
data.

To identify the origin of the structural differences discussed
above, Fig. 2 compares atomic-force components obtained
with PBE+D3 and PBE+MBD-NL for identical slab configu-
rations (datasets slab-PBE+D3 and slab-PBE+MBD-NL,
see Sec. II for details). The dashed black line indicates per-
fect agreement (y = x); each panel reports root-mean-square
deviation (RMSD), mean absolute deviation (MAD), and the
squared Pearson correlation coefficient (R2). Species-resolved
parity plots (top row) show close agreement for Pb (RMSD

0.035 eV Å−1, MAD 0.028 eV Å−1, and R2 = 0.991) and I
(RMSD 0.053 eV Å−1, MAD 0.043 eV Å−1, and R2 = 0.959).
In contrast, Cs exhibits substantially larger deviations (RMSD
0.094 eV Å−1 and MAD 0.077 eV Å−1) and significantly re-
duced correlation (R2 = 0.739). This is consistent with its
large ionic radius and weak, nondirectional bonding environ-
ment, making Cs markedly sensitive to long-range dispersion
effects.

Figure 2(b) shows that the agreement between the pair-
wise and many-body vdW forces is poorest for Cs atoms
in the surface layers, with the RMSD of 0.108 eV Å−1. The
dominant discrepancy is along the slab-normal z direction
with the RMSD of 0.146 eV Å−1 [Fig. 2(c)], whereas the
in-plane x and y components are smaller and comparable
(RMSD 0.082 eV Å−1). We further isolated the dispersion-
induced �F D3 and �F MBD−NL contributions by subtracting
the PBE forces from the PBE+D3 and PBE+MBD-NL forces
(see Fig. S3) [59]. The two corrections are strongly anticor-
related and mostly act in opposite directions. Because the
dispersion contributions are small relative to the underlying
PBE forces, the PBE+D3 and PBE+MBD-NL forces remain
largely aligned (see Fig. S4) [59]. Nevertheless, the differ-
ent dispersion treatment can strengthen, weaken, or slightly
reorient total forces. Moreover, the PBE+D3 force compo-
nents along the z direction are generally larger in magnitude
than those from PBE+MBD-NL, with negative forces on the
top surface layer and positive forces on the bottom surface
layer (for more details, see Fig. S5) [59]. This observation
is consistent with the stronger slab contraction after surface
relaxation predicted by the pairwise dispersion approach in
Fig. 1. Overall, these layer- and component-resolved trends
suggest that the choice of dispersion treatment impacts atomic
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FIG. 2. Comparison of force components computed with
PBE+D3 and PBE+MBD-NL for identical slab configurations:
(a) species-resolved forces for Pb, I, and Cs; (b) Cs forces by slab
region; (c) force components for surface-layer Cs. Colors represent
point density (blue → yellow for increasing density), and the dashed
black line denotes perfect agreement. Insets report RMSD, MAD,
and R2, with deviations given in eV Å−1.

forces more strongly for Cs in the weakly coordinated and
weakly screened surface environment. This is consistent with
D3 augmenting PBE via a pairwise atom–atom correction,
whereas MBD-NL captures screened, collective many-body

dispersion, which can be especially important in heteroge-
neous regions such as slab surfaces.

These force differences are expected to have an influ-
ence on the structure at finite temperature, since Cs occupies
the soft A-site cavity and couples to the PbI6 tilt frame-
work through weak, long-range interactions. We therefore test
whether dispersion-induced changes in Cs forces translate
into distinct slab lattice responses and tilt-driven phase behav-
ior by running MD with MLFFs trained on slab-PBE+D3
and slab-PBE+MBD-NL datasets. Using these two MLFF
models, finite-temperature slab behavior was probed via the
NPT MD protocol and heating schedule detailed in Sec. S3 of
the SM [59] for an (8

√
2 × 8

√
2)-5L CsPbI3 slab (N = 3456

atoms). Figure 3 shows the temperature evolution of the in-
plane lattice parameters a and b, together with time-averaged
structures evaluated over selected temperature windows. For
the MACE@slab-PBE+MBD-NL model [Fig. 3(a)], a and
b lattice parameters respond anisotropically to heating and
intersect near 375 K. The time-averaged snapshots indicate
an orthorhombic structure at 300–325 K and a more cubic-
like (i.e., reduced octahedral tilting) structure at 375–400 K,
consistent with a gradual γ → α transition without a clearly
resolved intermediate β-phase. The earlier appearance of a
cubic-like structure with MBD-NL is qualitatively consistent
with reports that confinement, strain, and interfacial con-
straints can stabilize the α phase of CsPbI3 at lower tempera-
tures than in the bulk [78,79], where the α-phase is stabilized
near 600 K [14]. In contrast, the MACE@slab-PBE+D3
[Fig. 3(b)] remains cubic-like over the full 300–550 K
range, implying a stronger stabilization of the high-symmetry
perovskite structure than suggested by bulk measurements.
Analysis of the PBE+D3 AIMD trajectories at 300 and
600 K, which were used to construct the slab-PBE+D3 and
slab-PBE+MBD-NL datasets, shows that the slab remains
cubic-like at both temperatures. The similar behavior obtained
with the MACE@slab-PBE+D3 therefore demonstrates con-
sistency between the MLFF and its underlying reference data.
Notably, even though the MACE@slab-PBE+MBD-NL was

FIG. 3. Temperature evolution of normalized lattice parameters a (black) and b (red) obtained from an NPT MD heating trajectory with
heating rate 50 K ns−1 of slab CsPbI3 (8

√
2 × 8

√
2)-5L using (a) the MACE@slab-PBE+MBD-NL and (b) MACE@slab-PBE+D3 MLFFs.

The lattice parameters are time-averaged over 2 ps windows (corresponding to �T = 0.1 K). The right panels show representative time-
averaged structures for selected windows (300–325 K, 375–400 K, and 475–500 K), with background colors matching the shaded regions in
the lattice-constant plot; insets showing magnified regions are included to better visualize the octahedral tilting. Shaded bands indicate phase
regions: orange, γ phase; purple, α phase.
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trained on the same cubic-like structures as the MACE@slab-
PBE+D3, it nevertheless stabilizes orthorhombic-like order
at room temperature, highlighting that an accurate treatment
of dispersion can meaningfully reshape the finite-temperature
free-energy landscape governing octahedral tilts.

B. Slab-to-bulk transfer learning

Given that slab structures include a wider range of local
environments, arising from the coexistence of surface, sub-
surface, and interior layers that retain the bulk coordination
environment, we next examine whether the MACE@slab-
PBE+MBD-NL transfers reliably to finite-temperature MD
simulations of bulk CsPbI3. First, we verified long-time dy-
namical stability by running 10 ns of NPT MD at 300 K for
supercells up to 8 × 8 × 8: all trajectories remained numer-
ically stable and retained the expected γ -phase tilt statistics
(Fig. S6) [59]. Such long-timescale, large-supercell stability
checks are important because MLFFs can exhibit instabili-
ties or nonphysical behavior during extended MD simulations
[80,81].

To probe the temperature-driven structural phase transi-
tions of bulk CsPbI3, we performed NPT MD using the
MACE@slab-PBE+MBD-NL model on a 5 × 5 × 5 γ -phase
CsPbI3, heating from 300 to 700 K with a rate of 50 K ns−1.
Since experimental transition temperatures are commonly in-
ferred from crossings of the lattice parameters (e.g., a and
b for the β phase and a, b, and c for the α phase), Fig. 4
summarizes the evolution of the normalized lattice parame-
ters with temperature, together with time-averaged structures
for selected temperature windows. Because lattice parameters
during MD exhibit sizable thermostat- and barostat-driven
fluctuations, the lattice parameters in Fig. 4 are time-averaged
over a 2 ps interval. As shown in Fig. S7 in the SM [59],
using a shorter averaging window produces noticeably nois-
ier plots and slightly shifts the crossing points between the
lattice constants. Lattice parameters alone may be insufficient
to assign phases unambiguously, particularly in soft, anhar-
monic materials such as CsPbI3, where transitions can be
gradual [82]. As discussed in Sec. I, octahedral tilt angles and
their temperature-dependent distributions and correlations,
obtained from the MD simulations, are now routinely used
to distinguish different polymorphs [41–44]. We therefore
complement the time-averaged structures with the tilt-angle
distributions (see Fig. 4) using the (ϕ, θ, ψ) proposed by
Liang et al. (see Fig. 4 in Ref. [44]) to assign the phases:
the γ phase by bimodal distributions for all three angles
(ϕ, θ, ψ), the β phase by a bimodal ψ distribution together
with unimodal ϕ and θ peaks centered at 0◦, and for the α by
unimodal distributions centered at 0◦ for all three angles (see
Sec. S4 in the SM for details) [59]. Noteworthy, the (ϕ, θ, ψ)
angles can be associated with the octahedral tilting patterns
expressed by the Glazer notation; the results in Fig. S8 in the
SM [59] confirm the a−a−c+ and a0a0c+ octahedral tilting for
the orthorhombic and tetragonal phases.

Using these metrics, the MACE@slab-PBE+MBD-NL
model reproduces the expected phase sequence of bulk
CsPbI3: γ phase at 300 K, a γ → β transition around
525 K, and a β → α transition around 600 K, where
all three rotation-angle distributions become unimodal and

FIG. 4. Temperature evolution of normalized lattice parameters
a (black), b (red), and c (blue) obtained from an NPT MD heating
trajectory with heating rate 50 K ns−1 of bulk CsPbI3 (5 × 5 × 5 su-
percell) using the MACE@slab-PBE+MBD-NL MLFF. The lattice
parameters are time-averaged over 2 ps windows (corresponding to
�T = 0.1 K). Shaded bands indicate the temperature windows used
for structural analysis. Right panels report the probability densities of
PbI6 octahedral rotation angles (in degrees) about the x, y, and z axes
(labeled ϕ, θ , and ψ), with background colors matching the shaded
regions in the lattice-constant plot. Bottom panels show represen-
tative time-averaged structures for selected windows (300–325 K,
525–550 K, and 600–625 K). Shaded bands indicate phase regions:
orange, γ phase; navy, β phase; purple, α phase.

centered near 0◦. The corresponding time-averaged structures
in the selected temperature windows are consistent with these
assignments. Quantitatively, however, the lattice parameters
deviate from the experiment of Marronnier et al. [14], most
notably for the in-plane parameters: a is typically slightly
underestimated (less than 0.1 Å), while b is slightly over-
estimated (≈0.1 Å). These lattice-constant deviations result
in the shifts in the apparent transition temperatures: γ → β

is shifted by ≈65 K relative to experiment (T exp
γ→β ≈ 460 K),

and β → α is higher by ≈40 K (T exp
β→α ≈ 560 K). Note that

such small deviations in lattice parameters (less than 2%) and
energy shifts of approximately 0.1 kcal/mol lie within the
typical error range of the most advanced MLFFs. Because
these parameters can also be sensitive to finite-size effects and
the heating/cooling rate, we repeated the NPT ramps with a
larger supercell and slower heating rate (Fig. S9) [59]. Within
the tested ranges (see Sec. S3 of the SM for more details) [59],
neither factor measurably changes the transition signatures,
indicating that our MD protocol is unlikely to be the primary
source of the remaining offsets.

We emphasize that most previous MLFFs developed
for HPs to reproduce bulk phase behavior were trained
on bulk reference data spanning multiple perovskite poly-
morphs [37,39,48,73], whereas our model, MACE@slab-
PBE+MBD-NL, was trained exclusively on α-phase slab
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FIG. 5. Temperature dependence of lattice parameters a (black), b (red), and c (blue) obtained from MD upon heating with 50 K ns−1

rate for CsPbI3 5 × 5 × 5 bulk with (a) MACE@bulk-r2SCAN+rVV10, (b) MACE@bulk-PBE+MBD-NL, (c) MACE@bulk-PBE+TS, and
(d) MACE@bulk-PBE+D3. The lattice parameters were averaged over 2 ps windows (corresponding to a �T = 0.1 K). Right panels report
the probability densities of PbI6 octahedral rotation angles (in degrees) about the x, y, and z axes (labeled ϕ, θ , and ψ), with background colors
matching the shaded regions in the lattice-constant plot. Shaded bands indicate phase regions: orange, γ phase; navy, β phase; purple, α phase;
green, mixed γ /β phase.

configurations and nevertheless reproduces bulk phase tran-
sitions in agreement with experiment.

C. Reference-method dependence: Bulk-trained models

Beyond the MD settings, the choice of reference method
used to generate the training data is another user-controlled
factor and a potential source of disagreements. Previous work
(Ref. [39]) showed that the choice of exchange-correlation
functional can strongly influence the lattice parameters and,
consequently, the phase-transition temperatures. Here, we
focus on the role of the vdW dispersion by comparing many-
body MBD-NL with the pairwise TS and D3 corrections,
as well as with the nonlocal r2SCAN+rVV10 functional.
To demonstrate that the previously observed differences in
lattice parameters originate from the level of theory rather
than from the slab structures, we perform a benchmark on
bulk datasets (see Sec. II for more details). To this end, we
trained four MACE models on identical configurations from
a bulk dataset (obtained with r2SCAN+rVV10) with ener-
gies and forces recomputed with different levels of theory:
r2SCAN+rVV10, PBE+MBD-NL, PBE+TS, and PBE+D3.

The resulting models were then used to perform the same
NPT MD heating protocol (300–700 K at 50 K ns−1) on a
5 × 5 × 5 supercell of the orthorhombic phase of bulk CsPbI3,
and the temperature evolution of lattice parameters, octahedral
tilts, and time-averaged structures were analyzed as before.
Figure 5 summarizes temperature-driven lattice parameters
and octahedral tilts for these four models. The time-averaged
structures for these models are available in the SM (see
Fig. S10) [59].

One can see that both the MACE@bulk-r2SCAN+rVV10
and MACE@bulk-PBE+MBD-NL preserve the correct γ →
β → α sequence. The two models differ only slightly in
the in-plane lattice parameters a and b (≈ 0.1 Å), yet
these small differences shift the phase-transition tempera-
tures. The MACE@bulk-r2SCAN+rVV10 [Fig. 5(a)] yields
tilt-angle distributions consistent with the β phase over
450–500 K, followed by a transition to the cubic-like α

phase around 550–575 K, in close agreement with ex-
perimental transition temperatures reported by Marronnier
et al. [14]. The MACE@bulk-PBE+MBD-NL [Fig. 5(b)]
reproduces the same qualitative behavior as the MACE@bulk-
r2SCAN+rVV10, but shifts the γ → β transition to 525 K
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FIG. 6. Comparison of force components on the identical struc-
tures from the bulk dataset (392 structures) computed with different
reference methods: (a) PBE+TS vs PBE+MBD-NL, (b) PBE+D3
vs. PBE+MBD-NL, and (c) r2SCAN+rVV10 vs. PBE+MBD-NL.
RMSD and MAD are reported in eV Å−1. The dashed line denotes
perfect agreement. R2 is the squared Pearson correlation coefficient.

and β → α to 575 K. In contrast, MLFFs trained with
pairwise dispersion methods exhibit significantly different be-
havior. The MACE@bulk-PBE+TS [Fig. 5(c)] remains in a
mixed/intermediate state between γ and β across the 300–
650 K range, in clear disagreement with experiment. The
MACE@bulk-PBE+D3 [Fig. 5(d)], on the other hand, over-
stabilizes the β phase at room temperature and predicts a
β → α transition already around 400 K, more than 150 K
below the experimental value. These results therefore show
that more advanced vdW dispersion methods are essential for
correctly capturing the phase transitions of CsPbI3.

To identify the atomic-level origin of the reference-
dependent differences in phase transitions, we compare force
components on each atom across methods in Fig. 6. The
near-zero mean signed deviation observed across all cases
indicates little systematic bias, as force overestimations and
underestimations largely cancel each other out across the
different methods. As in the slab analysis, the strongest
dispersion sensitivity is observed for Cs atoms. PBE+TS
forces strongly deviate from PBE+MBD-NL ones [Fig. 6(a)],
with an RMSD of 0.115 eV Å−1 and a relatively low corre-
lation (R2 = 0.77). Similarly, PBE+D3 forces also exhibit
large deviations from PBE+MBD-NL forces, although with
slightly improved R2 and lower RMSD/MAD values. The
isolated dispersion force contributions in Fig. S11 [59] con-
firm that �F D3 and �F TS are predominantly anticorrelated

with �F MBD−NL, with TS contributions exhibiting the larger
deviation from MBD-NL. By contrast, r2SCAN+rVV10 and
PBE+MBD-NL forces correlate closely [Fig. 6(c)] with
R2 = 0.98 and significantly smaller RMSD/MAD than those
of PBE+TS and PBE+D3. Nevertheless, even the mod-
est Cs-force discrepancies between r2SCAN+rVV10 and
PBE+MBD-NL appear sufficient for measurable changes
in tilt dynamics, contributing to the observed differences
in the a and b lattice parameters and the phase-transition
temperatures.

Consistent with the slab analysis, Pb and I atomic forces
show higher R2 and lower RMSDs and MAD than Cs atomic
forces. However, among the considered methods, PBE+TS
yields the largest deviations for the I atomic forces relative
to PBE+MBD-NL. This might correlate with the tendency
of the MACE@bulk-PBE+TS MLFF to stabilize the mixed
phase of CsPbI3.

To examine how the dispersion method influences oc-
tahedral tilting, we selected 2500 structures of 5 × 5 × 5
CsPbI3 bulk from the 300–325 K temperature window of
the slow heating trajectory obtained with the MACE@slab-
PBE+MBD-NL model. For those structures, energies
and forces were computed with the MACE@bulk-PBE,
MACE@bulk-PBE+MBD-NL, and MACE@bulk-PBE+D3
models. The PBE model was included to isolate the
dispersion-induced contributions, which are otherwise small
compared to the full forces. As shown in Fig. S12 in the SM
[59], the MLFF dispersion-induced force corrections,

�F D3
MLFF = FMACE@bulk−PBE+D3 − FMACE@bulk−PBE, (1)

and

�F MBD−NL
MLFF = FMACE@bulk−PBE+MBD−NL − FMACE@bulk−PBE,

(2)

reproduce the same qualitative trends as the reference bulk
calculations. To connect these force differences with octahe-
dral rotations, we computed the local torque acting on a PbI6

octahedron,

τ =
∑

i

rPb→I × FIi . (3)

This quantity represents the instantaneous rotational driving
force acting on the iodine cage about the central Pb atom.
The torque distributions obtained from the full forces for
two corner-sharing octahedra overlap substantially because
the PBE contribution dominates (see Fig. S13 in the SM) [59].
However, when the dispersion-induced force contributions are
considered separately, the resulting torque distributions show
that MBD-NL and D3 generate oppositely directed rotational
contributions along all three Cartesian axes (Fig. 7). In ad-
dition, the signs of these torque corrections reverse between
neighboring connected octahedra, consistent with the opposite
signs of their local tilt angles (Fig. S14 in the SM) [59].
These results show that the treatment of dispersion modifies
the iodine forces and thereby changes the local rotational
driving-force field of the corner-sharing PbI6 framework.

Because the forces acting on Cs are particularly sensitive
to the dispersion treatment, we further examined the local
coupling between Cs displacement and the rotational response
of neighboring PbI6 octahedra. One Cs atom and its eight
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FIG. 7. Local PbI6 torque distributions computed from
dispersion-induced force corrections, �F D3

MLFF and �F MBD−NL
MLFF .

(a) Schematic illustration of torque components and locations
of two selected corner-sharing octahedra, Oct1 and Oct2. All
the atoms except those selected are shown as small pale spheres
for visualization only. (b),(c) Probability density distributions of
τx , τy, and τz for Oct1 and Oct2, respectively, calculated using
dispersion-induced force corrections �F D3

MLFF [see Eq. (1)] and
�F MBD−NL

MLFF [see Eq. (2)] from the same set of 2500 structures.
Dashed vertical lines indicate the mean values of each distribution.
See Fig. S13 in the SM for more details [59].

neighboring octahedra were selected from a representative
structure used in the torque analysis. The Cs atom was dis-
placed by ±0.01 Å along each Cartesian direction, while all
other atoms were kept fixed, and the forces were evaluated
using the MACE@bulk-PBE, MACE@bulk-PBE+D3, and
MACE@bulk-PBE+MBD-NL models. For each octahedron,
we calculated the displacement–torque response matrix

Ki j = τi(+u j ) − τi(−u j )

2u j
, (4)

where u j is the Cs displacement along j ∈ {x, y, z}, and τi is
the corresponding octahedral torque component i ∈ {x, y, z}.

FIG. 8. Local coupling between Cs displacement and octahedra
torque. (a) Selected Cs atom and its eight neighboring PbI6 oc-
tahedra. All the atoms except those selected are shown as small
pale spheres for visualization only. (b) Mean Cs-I distance for each
neighboring octahedron in the structure without Cs displacement.
(c) Frobenius norm, ‖K‖F, of the Cs displacement and octahe-
dral torque response matrix calculated using the MACE@bulk-PBE,
MACE@bulk-PBE+MBD-NL, and MACE@bulk-PBE+D3 forces.

The diagonal elements describe same-axis displacement-
torque coupling, whereas offdiagonal elements describe
crossaxis coupling. The overall coupling strength was char-
acterized using the Frobenius norm,

‖K‖F =
√∑

i j

K2
i j . (5)

In Fig. 8, we show the selected Cs atom and its eight
neighboring PbI6 octahedra, the mean Cs-I distance for each
octahedron calculated for the structure without displacement,
and displacement-torque coupling strength ‖K‖F, calculated
using the MACE@bulk-PBE, MACE@bulk-PBE+MBD-NL,
and MACE@bulk-PBE+D3 forces. The strongest responses
are obtained for Oct1, Oct5, and Oct6, which also have the
shortest mean Cs-I distances among the selected octahedra.
For these three octahedra, the MACE@bulk-PBE+MBD-NL
consistently predicts a larger displacement-torque response
than the MACE@bulk-PBE+D3. The response matrices are
highly anisotropic and contain substantial crossaxis couplings
(see Fig. S15) [59]. This local finite-displacement analysis
shows that changes in Cs position modify the rotational driv-
ing forces acting on the surrounding PbI6 octahedra, providing
a local coupling mechanism between A-site dynamics and the
inorganic framework.
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Taken together, the results for the slab and bulk clearly
indicate that the choice of the dispersion model primarily
affects Cs forces, accompanied by distinct octahedral-tilt dy-
namics and the resulting phase behavior. Both MBD-NL and
rVV10 preserve the experimentally observed γ → β → α

phase transitions over the 300–700 K range, TS stabilizes the
wrong mixed phase between γ and β, and D3 favors the α

phase at unrealistically low temperatures.
One should note that although the MACE@bulk-

PBE+MBD-NL [Fig. 5(b)] recovers the correct γ → β → α

phase-transition sequence and reproduces the same qualitative
behavior as the MACE@slab-PBE+MBD-NL model (Fig. 4),
inspection of time-averaged snapshots (Fig. S10b) [59] at
525–550 K and 575–600 K reveals nonphysical MLFF behav-
ior. This includes atomic displacements where atoms move
too close to one another or deviate excessively from their
expected positions, disrupting the anticipated symmetry and
bonding patterns and reflecting the limited diversity of the
bulk training set. To investigate this further, we trained an
additional MLFF model on a larger bulk dataset containing
3916 structures, with energies and forces computed at the
same PBE+MBD-NL level of theory (see Sec. S7 of the SM
for more details) [59]. The results in Fig. S16 [59] show that
the stability of dynamics improves with increasing training
set size. Notably, the MACE@slab-PBE+MBD-NL yields
stable dynamics across the entire temperature range studied
for both bulk and slab materials, with no observed structural
disruption. This suggests that large slab supercells, containing
864 atoms, together with the simultaneous presence of sur-
face, subsurface, and interior layers, enrich the training dataset
with a broad range of local atomic environments despite the
relatively small number of configurations (600 structures).

IV. CONCLUSIONS

We presented a practical strategy for developing transfer-
able and accurate MLFFs for modeling dynamic behavior
of CsPbI3 across slab interfaces and bulk. Training on the
large slab supercell (864 atoms) produced MLFFs that yield
stable MD for both slabs and bulk over multi-nanosecond
timescales. Notably, a model trained only on α-phase slab
data with energies and forces calculated at the PBE+MBD-
NL level of theory reproduces the correct phase-transition
behavior upon heating – a level of transferability that is
typically achieved using multi-phase bulk training sets. This
suggests an efficient protocol: training on surface-enriched
single-phase slab data to obtain a robust MLFF for modeling
both bulk materials and surfaces.

By systematically comparing reference methods, we found
that the treatment of vdW dispersion is the primary determi-
nant of the predicted finite-temperature behavior of CsPbI3.
Pairwise dispersion schemes (TS/D3) can qualitatively
distort the tilt-driven phase evolution, whereas beyond-
pairwise dispersion (MBD-NL) and nonlocal density-based

(rVV10) approaches recover the expected γ → β → α se-
quence. Analysis of forces highlights that the choice of
dispersion method has a significant impact on Cs forces,
consistent with its large and polarizable nature. The torque
analysis further demonstrates that D3 and MBD-NL produce
different, often oppositely directed, contributions to the rota-
tional driving forces acting on the PbI6 framework. A local
finite-displacement analysis also shows that Cs motion is cou-
pled to the torque on neighboring octahedra, with the strongest
response obtained for the closest ones. These results indicate
that dispersion-dependent changes in both Cs and I forces
modify octahedral rotational dynamics and thereby contribute
to the distinct phase-behavior predicted by the different dis-
persion treatments.

Taken together, our findings establish that slab datasets
computed with beyond-pairwise vdW dispersion capture the
essential physics required to describe both bulk materi-
als and interfaces, opening the way to robust simulations
of complete solar-cell devices under realistic operating
conditions.
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